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THE DESIGN OF AN Fe-12Kn-0 . 2Ti ALLOY STEEL FOR LOW TE^^PERATUE.E USE 


ABSTRACT 

An investigation has been made to improve the lov; temperatui'e mechanical 
properties o£ Fe-S~12%Mn-0. 2Ti alloy steels. A two-phase (a+y) tempering 
in combination v;ith cold-v?orhing or hot-v.'orking has been identified as an 
effective treatment. In an Fe-12Mn-0. 2Ti alloy a pi'omising combination 
of fracture toughness and yield strength v;as obtained at -196*^C. A 
potential application as a Ni-free cryogenic steel v/as thus shov.nn for 
this alloy. These improvements of properties were mainly attributed 
to the ultra- fine grain size and to a uniform distribution of retained 
austenite. It was also shown that an Fe-SMn steel could be grain-refined 
by a purely thermal treatment because of its dislocated martensitic 
structure and absence of e phase. As a result, a significant reduction 
of the ductile-brittle transition temperature was obtained in this alloy. 

The nature and origin of brittle fracture in Fe-Mn, alloys wore 
also invest iga-ted. Two embrittling regions were found in a cooling 
Curve of an Fe-12Mn-0 .2Ti steel v/hich v.’ere shov.ni to be responsible for inter- 
granular fracture. A fast cooling through the martensite transformation 
temperatures results in a quench-crack type brittleness along prior y grain 
boundaries- Auger electron spectroscopy identified no segregation during 
solution-annealing treatment. If held too long below the transformation 
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finish temperature, the 12Mn steel undergoes another form of embrittlement. 
This phenomenon was attributed to intergranular tempered martensite 
embrittlement. Avoiding the embrittling zones by controlled cooling led 
to a high cryogenic toughness in a solution-annealed condition. 
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I . INTRODUCTION 


Recent advances in cryogenic devices for use in modern energy and 
transportation systeras have created an increasing need for new alloys vdiich 
retain good engineering properties at very lov; temperatures. Due to its 
excellent toughening effect in the Fe lattice, Ni is widely used as 
a basic alloying element in most cryogenic steels. IVhile the Ni steels 
show satisfactory mechanical properties, their applications are limited 
because of the high cost of Ni. The importance of developing a Ni-free 
cryogenic steel is obvious when the high cost of Ni is considered, nmong 
various elements Mn has a potential to be developed for the replacement 
of Ni because of its similar characteristics as a substitutional alloying 
element with Fe. 

A considerable amount of research has been conducted to identify the 

role of Mn in solid-state phase transformations in Fe. There is now 

6-9 

general agreement that the transformation products of Fe-Mn alloys of 

★ 

less than 10% Mn are not far different from those of Fe-Ni alloys of less 
than 28%Ni. The only difference is when hep e forms as a metastable phase 
in an Fe-Mn alloy v;ith more than 10%Mn. Above 28%Mn concentration 

the binary alloy becomes austenitic and shov;s characteristics of an fee 
structure. 

Carbon has a strong influence on austenite stability in the Fe-Mn 
system. Tne presence of more than 1% of C in an Fe-13%Mn composition 
completely stabilizes the austenite, as is well known in Hadfield's alloy. 
A moderately high yield strength can be obtained in a mediuin carbon, high 
manganese, ternary alloy system. However, these semi-austenitic steels 
encountei' phase stability problems at cryogenic temperatures. Russian 

Weight percent unless specified otherwise 



2 


17-18 

worlcers have sho\'/i) that the Fe-Mn-C alloys do not retain satisfactory 

impact resistance at cryogenic temperatures unless theix* phase stabilities 

are increased by adding Cr or Ni as alloying elements. 

Because of the characteristics of their bcc structure, Fe-Mn alloys 

with less than 13%Mn show satisfactory yield strength at low temperatures. 

However, these steels have been considex'ed inherently brittle for a long 

time and the origin of their brittleness has been given little investigation, 
19 

Recently Bolton reported a beneficial effect of tempex:ing in suppression 

of the ductile-brittle transition temperature in 4~10%Mn alloys. 

Interestingly he repoi'ted no evidence of retained phase in his specimens 

in spite of the broad tv/o-phase (a+y) region in the equilibrium Fe-Mn 
11-20 9 

phase diagram. Roberts showed a moderate dependence of the 

transition temperature on the grain size in the martensitic alloys. Hov;ever, 
to the author’s knowledge, no sex'ious attempt to refine the gi'ain size of 

21 

Fe-^fn alloys has been found in the literature except for preliminary work. 

Therefore, there is a lack of information on the dependence of cryogenic 

mechanical properties on the two important metallurgical variables, retained 

austenite and grain size in Fe-*>fn alloys. 

\ 

The present ivestigation was designed to promote the understanding 
of the origin of the embrittlement and to impx'ove the cryogenic mechanical 
properties of Fe-8~12%Mn steels by metallurgical processings. The approaches 
to obtain better mechanical properties v;ere based on the control of micro- 


structures and retained phases. A particular emphasis v/as made on the 
decomposition px-ocess in a two-phase region. To refine the size and 
distribution of the decomposition products, a prior deformation was 
employed in the fci-rn of either cojd-v/orking or hot -working. By this pi’ocess 
a significantly improved cryogenic toughness was obtained in an Fe-12Mn-0 . 2Ti 
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alloy. To refine the grain size of Fe-SMn and Fe-lOMn alloys a thermal 

22-24 

cycling technique was adopted. i'Hiile ineffective in an Fe-12Mn 

alloy, this technique was extremely powerful in reducing the ductile- 
brittle transition temperature of an Fe-SMn alloy. 

The origin of intergranular fracture in an Fe-12Mn alloy was 
investigated by using an Auger electron spectrometer. Two discrete 
embrittling bands in a cooling curve of this alloy v/ere found to be responsible 
for the brittle intergranular failure below the ductile-brittle 
transition temperature. It was then possible to avoid these embrittling 
regions by controlled cooling and thus obtain good low temperature 
toughness in an as-cooled condition of the Ni-free Fe-12Mn-0.2Ti steel. 
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II. EXPERIMENTAL PROCEDURE 

A. MATERIAL PREPARATION AND INITIAL 
PRDCES^I NGT 

Alloys of nominal compositions, Fe-SMn, Fe-lOMn, and Fe-12Mn with minor 
additions of Ti (appi'oxiraately 0.2%) were induction melted in an argon gas 
atmosphere. Several ingots were made for each composition. Each ingot 
was cast from a separate batch into a copper chill mold. The average 
weight of an ingot v;as 9kg. The ingots vrere homogenized under vacuum at 
1200°C for 24 hours. Then they v.'ere iipset cross-forged at llOO^C into 
plates of dimensions determined by specimen size (1.3cm thick by 10.2cm 
wide or 1.9cm thick by 6.4cm). The results of chemical analyses on randomly 
chosen ingots are shovm in Table I. 

B. MEASUREi'.rHN'r OF TR.ANSFOITvLATION 
TEMPEMTURES 

A Theta Dilatronic HR dilatometer was used to measure phase 
transformation temperatures. A drav;ing of a specimen used in this 
experiment is shown in Fig. 1. Each specimen was heated to 1100*^C and 
held for 5 minutes before quenching to room temperature. Since the pressure 
of the specimen chamber was maintained below 10 ^ toiT, the specimen scu'faces 
were well protected from oxidization. A programmed linear heating rate of 
440*^C/min was used and the quenching rate of approximately 70*^C/sec was 
caused by a jet stream of He gas. Transformation temperatures were 
determined as first deviation points from linearity on dilation and 
temperature versus time charts. The experiment was repeated on the same 
specimen until consistent data were obtained. 

C. MEASUREMENT OF PHASES 

Specimens used for this experiment were either 2cm x 3cin x 0.5cm pieces 
cut from heat-treated blanks or optical microscopy specimens usually cut 
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from bi'oken Charpy impact test s|:)ecimens. In botli cases x-ray diffraction 

measurements were made on sections transverse to the original rolling 

direction of the plate. When a specimen shovved severe preferred orientation 

after cold rolling, ‘another set of diffraction data were taken for tv/o other 

vertical sections to check the extent. Specimen surfaces were carefully 

prepared to remove any strain- induced transformation products resulting 

from previous processes. For this purpose a grinding by emery paper of 

600 grid grade was followed by chemical polishing in a solution of 100ml 

^ 2^2 HF. a CuKa x-ray source was used and the beam was monochromatized 

by LiF. The volume percent of each phase present was caluculated by 

comparing . integrated intensities of (200} , (200) , and (lO’l) peaks. 

* 0 ^ £ ■ ■ 

hTien a specimen consisted of more than one pliase, lattice parameter 

corrections v/ere made under the assumption that each phase had an • 

equilibrium concentration. The formulae used for this calculation are 

25 

described elsewhere. 

D. MICROSCOPY 

1 . Optical Microscopy : 

Specimens for optical microscopy were cut from tested Charpy bars. 
Transvei'se sections v/ere examined. After emery paper grinding, a final 
polishing was carried out on an lym lapping v.'heel. Our best etching 
condition was foimd to be repetitive 10 second im.mersions in picra.l 
(Igra picric acid dissolved in 100ml ethyl alcohol - 5ml HCl) . 

2 . Scannitig Electron Microscopy (SE •!•!) : 

Fracture surfaces of tested specimens v;ere examined vd.th an A!>IR 1000 
scanning electron microscope operated at 20K\^. When needed, energy dispersive 
analysis of X-rays (EDAX) vras employed in combination v;ith the SEM. 

3. Transmission Electron Microscopy (TEM) : 

Specimens for transmission electron microscopy v/ ere cut from blanks 
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which xeceivod the desired treatment. Sheets of 0.2~0.3mm thickness were 
cut. The thickness was then chemically reduced to 0.05mm v/ith a solution 
of lOOinl ^^ 2^2 ^ thinning was carried out by a jet-polishing 

technique with a chromic-acetic solution; '75g CrO^ + SOOml CH^COOH + 21ml H^O 
The optimum thinning condition v;as found at 20mA and 50V. The microscopes 
used were a Hitachi HU-125 and a Siemens Elmiscope lA operated at lOOKV. 

E. AUGER ELECTRON SPECTROSCOPY C^ES) 

This technique was employed to probe fracture surface chemical 

compositions of specimens broken in a high vacuum chamber. The principles 

and applications of the AES technique are described elsewhere. The 

machine used in this experiment was a PHI Model 545 scanning Auger 

electron spectrometer. A sclicmatic diagram of the vacuum chamber equipped 

with an in-situ fracture device is sho’wn in Fig. 2. The shape and 

dimensions of specimens used are illustrated in Fig. 3. Either single- 

notched or double-notched cylindrical rods were machined from heat- 

treated blanks. The temperature of fracture was controlled by liquid 

nitrogen flow through the fracture device. The temperature of a point 

close to our specimen v;as monitored by a thermocoi^le, so the actual 

temperature of the specimen might be a few degrees highex' than our 

readings. The pressure of the chamber v;as maintained in the 

-9 

torr range and never exceeded the middle 10 tox'r range. 

The time needed to prepare the electronics for the first run 
after a fracture was nonnally less than 10 minutes. In most cases a 
primary electron beam voltage CFp) of 3KcV with a 3eV modulation 
amplitude (Em) and a 1300V electron muitipliei' voltage (Vm) v/ere used^' 

Undex' medium focusing conditions, a primary electron beam current (Ip) 
of 2~3pm was sufficient to yield a x-easonably strong signal. The beam 
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size under tliis operating condition corresponds to approximately 15ym 
in diameter. To obtain average data, at least thi-ee points on a fracture 
surface were examined. It toob approximately 30 minutes to obtain the 
necessary data. After this time, a slov." build-up of C ajid 0 intensities 
from background CO gas obscured valid data. Post-fracture surfaces v;ere 
examined under a scanning electron microscope. 

F. MECl-LANICAL TESTING 

1 . Tensile Testing: 

Cylindrical tensile specimens of 12.7mm gage length and 3mm gage 
diameter, as shown in Fig. 4, v/ere used. The loading direction w'as kept 
consistent v/ith the rolling direction of the original plate. Tests wez'e 
conducted at both room temperature and -196^C in an Instron machine. For 
low temperature testing, a cryostat was attached to the machine so that 
specimens were completely immersed in liquid nitrogen. A strain rate of 
0.04/min. was employed. The engineering yield stress was determined as 
the 0,2% offset value. Elongation arid reduction in area v? ere measured 
by a travelling microscope v;ith an accuracy of ±0.01nmi. Uniform elongation 
was measured on the chart as the elongation obtained until the ultimate 
• tensile strength was reached. ' . 

2. Charpy Impact Test: 

V-notched Charpy specimens of ASTM standard size (1cm x 1cm x 5.5cm) 
were machined along the rolling direction of plate. Notches of 45^ 
included angle v;ere machined on the surfaces of the rolled plate. The 
impact test was carried out as described in ASTM E23-72. Various testing 
temperatures v.'ere obtained by a proper mixture of liquid nitrogen, iso- 
pentane, dry ice, and Corning 710 oil, 

3. Fracture Toughness Test: 

A compact tension specimen shown in Fig. 5 was machined from blanks 
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with its loading direction consitent with the rolling direction of plate 
The fatigue pre-cracking and fracture toug]\ness tests were conducted at 
room temperature and at -196*^C respectively in a 500K lb capacity MTS 
machine equipped with a cryostat. All data reported in this w-ork v.'eru 
obtained according to ASTO E399-72. The thickness requirement for valid 
K data vras met for all except a reversion-cycled specimen. 



9 


III. EXPERIMENTAL RESULTS 

A. HEAT A\D MECRXNICAL TREATMECTS 
OF Fe-12Mn-0.2Ti 

1 . Solution-Annealing Treatment, Initial Properties; 

In .Fe-12%Mn alloys, three different crystal structuz'es have been found 
so far; ^ fee austenite (Y) > martensite (a*), and hep martensite (e) . 
Depending on the mechanical and/or thermal treatment, each of the three 
structures may be present either separately or in combination with the 
others. The following designations will be used to define various 
transformation temperatures during continuous heating or cooling: 

Msa', Mfa’ : y a' transformation temperatures 

during cooling ("s” for start and "f” for 
finish] 

Mss, Mfe : y e during cooling ' 

Asa', Afa' : a’->- y during heating 

Ass, Afs ; e ->• y during heating. 

The transformation temperatures measured by dilatoinetry are sho™ 
in Table II. A typical dilation curve during heating and cooling an 
Fe-12Mn-0 .2Ti alloy is shown in Fig. 6. Asa', Afa', Msa', and Mfa' 
temperature were easily distinguishable. Ass and Afs could also be identified 
within ±30°C. However, Mss and Mfs temperatures v.'-ere not detectable by 
the dilatometry. 

Solution treatment was conducted at 900°C-. Soaking for 2 hours 
at this temperature was sufficient to obtain recrystallized y phase. The 
prior y grain size ranged from 50 to 70pin as shovm in Fig. 7a. A trans- 
formation substructure produced by subsequent water-quenching is shovm in 
Fig. 7b. Two distinct morphologies of a’ martensites were identified. 

One is the blocky martensite crystals v;hich ware often bound by thin e ^ 
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platellets. The other is lenticular raartensite with an absence of the 
€ phase. In both cases the a’ iriartensites were dislocated. No internal 
tv;inning v.’as found. The association of a' and ^ phases was delineated in 
detail by a TEM diffraction analysis as shown in Fig. 8. 

Mechanical properties of a solution-annealed Fe-l2Mn-0 . 2Ti alloy 
are shoim in Table III. Tensile test behavior at -196*^C is characterized 
by a moderately high yield strength and considerable work-hai'dening. A 
ductile-brittle transition occurred sharply at -50°C in the Charpy impact 
test as shown in Fig. 9. The transition was accompanied by a brittle 
intergranular fracture along prior Y grain boundaries. Tv;o extremes of 
the fracture mode, a ductile dimple mode at room temperature and an 
intergranular mode at -196*^C, are shown in Fig. 10, 

2. Reversion- cycling Treatment a.nd the Effect of the e Phase: 

The amount of a phase in an Fe-12Mn-0.2Ti alloy is significant ly 
influenced by thermal or mechanical treatment. During the cotirse of present 
v/ork a build-up of this metastable phase was found to occur through the 
a’ $ Y reversion transformation. Hence, it was possible to closely 
observe the effect of the £ phase on the cryogenic mechanical properties of 
the 12Mn alloy v;ith very little interference from other metallurgical 
factors. 

Austenitizing treatments at different temperatures above AfaV 
resulted in differing amounts of £ phase increased with decreasing holding 
time at this temperature. Furthermore, a cycling heat -treatment betw'een 
6S0°C and room temperature rapidly increased the amount of £ phase. 

The accumulation of the hep phase by the cycling heat-treatment is 
illustrated in Fig. lib. The holding time at elevated temperature in 
each cycle was 5 minutes, and intermittent cooling was conducted in. brine 
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water. The build-up of the £ phase v;as n;ost pronounced in the first few 
cycles; no further change v/as observed after three cycles, A small 
amount of retained y phase v;as detectable within the first 5 cycles, but 
was absent after subsequent cycles. 

. Mechanical properties wore measured for the specimens reversion- 
cycled five times. Charpy impact energy v/as measured at various temperatures 
and is plotted in Fig. 12. For comparision purposes the same plot of 
the so lilt ion- annealed case is also presented. Apparently the ductile- 
brittle transition was suppressed to a lov;er temperature by the I’eversion- 
cyc ling treatment. An optical micrograph and a SEM fractograph of a 
reversion-cycled specimen' are shown in Fig.' 13a and b respectively. The 
fracture appearance at -196°C shov/s a fibrous decohesion along prior y 
grain boundaries in contrast to the flat fa-cet appearance of the as-annealed 
specimen shown in Fig. 10b. 

Althougli the reversion-cycled specimen showed an apparent increase 
of impact resistance, it revealed a drastic reduction of strength in 
tensile testing. The tensile properties measured at -196'^C are compared 
with those obtained in other treatm.ents in Table III. The reversion- 
cycling treatment decreased the yield strength of the 12Mn alloy by more 
than 40ksi. Despite the reduced yield strength the ultimate tensile 
strength remained unaffected. A t>'pical appearance of an engineering 
stress-strain curve of a reversion-cycled specimen is shown in Fig. 14, 

The premature yielding phenomenon is readily recognized in this curve. 

3. Tempering and H.etaincd Phases: 

Tempering a. martensitic Fe-Mn steel in the a + y region of equil- " 
brium phase diagram leads to a decomposition of the metastable martensite 
into equilibria'll a and y. The decomposition reaction and subsequent retention 
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of the transformation products may be complicated v;hen tl\e e phase 
intrudes. The retained phases have a significant influence on cryogenic 
mechanical properties. In this section the results of an investigation 
on the characteristics of the two-phase decomposition, and the use of the 
retained pliases in designing a cryogenic Fe-12Mn-0 . 2Ti alloy are described. 

The changes of structure, hardness, and Charpy impact energy at -196*^C 
on tempering the 12Mn alloy for 4 hours at various temperatui'es betv;ecn 
450°C and 700*^C are shovm in Fig. IS. The maxima of retained y phase 
and retained £ phase concentrations were observed in specimens tempered 
at 500~550*^C and 600°C, respectively. The hardness curve shows a broad 
plateau at 450°~550*^C range. The m.aximum impact energy was observed after 
500*^C tempering, although a rather large scatter of data was observed. 

All the properties resruned the initial values found in the solution- 
annealed condition after annealing at 700°C (v/hich is above Af a ' ) . 

It is evident from the results shov;n in Fig. 15 that a SOO^C treatment 
is most beneficial for the mechanical properties. Hence, an isothermal 
heat treatment was conducted at this temperature to assess the full 
capability of retained phases in enhancing cryogenic toughness. A 
variation of the retained phases and Ghaxpy energy at -196*^C on the 
isothennal treatment is shovm in Fig. 16. The impact energy curve shows 
a gradual inci’easc v/ith holding time until 12 hours, after which an 
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equilibrirmi is reached. The curve of the vol. % of the reverted y phase closely 


follows the same trend. On the other hand, the amovmt of reverted e does 


not shov; a major increase during an initial period of up to 4 hours. 

Micros tructural characterisitics of a two-phase tempered specimen 
are shown in Fig, 17 and Fig. IS. The most distinctive feature in these 
micrographs is the straight directionality of the original a’ lath 
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boundaries. For a comparison purpose an optical micrograph of an 
identically heat-treated Fo-SMn steel is sho’.m in Fig. 19. The lath 
boundaries in the SMn alloy are rather undulated. The reason for the 
pronounced straightness in the 12Mn alloy is due to the presence of e 
phase in the initial structure, v.'hich will be discussed later. The 
particular microstructural features remain even after an extended heat 
trea.tment (120 hours at 500*^0} as shown in Fig. IS. 

For the particular heat treatment of 500^C/Shrs/ice brine quenching, 
a set of low temperature mechanical properties v;as measured. Tensile 
properties and K values are presented in Table III. All the properties 

J. 

measured were better than those of the solution-annealed specimens. 
Especially pronounced were the increases of yield strength, unifonn 
elongation and values. The ductile-brittle transition temperature 
measured in Charpy tests was significantly suppressed (as shown in 
Fig. 20) v.dth a concomittant transition of fracture mode; at -196^C 
the fraction of the brittle intergranular fracture mode vras decreased by 
one half (as shov.n in Fig. 25b). 

4. Effect of Cold-v;orhing on Tempering: 

The improvement of cryogenic mechanical properties by two-phase 
tempering as described in the former section can be considerably enhanced 
by plastic deformation. This is achieved through structural refinement 
of the decomposed product by destroy3.ng preferential nucleation and 


growth sites. This present section describes hov/ prior deformation 
affects the subsequent decomposition reaction and thus increases the 
potential of an Fe-12Mn-0. 2Ti alloy as a Ni-free cryogenic steel . 

A fixed amount of deformation \vas given to the blanks of 12Mn steel 
by rolling at room temperature. After a 50% reduct5.on in thickness no 


trace of e phase v.'as detected by x-ray analysis, w-hich indicates 




the occurrence of a stress-assisted transformation of e ->■ a’ during 
the deformation. After annealing the cold-rolled specimens for 4 hours 
at various temperatures, changes of sti'uctures and properties occurred 
and the results are summarized in Fig. 21. Several different aspects 
of the results are noted for comparison with those obtained by two-phase 
tempering alone iS) . 

The amount of the retained y phase was considerably increased by 
adding cold-v;ox'hing to the tv;o-phase tempering treatment, whereas e phase 
concentration was substantially reduced. It must be noted that the 
measurement of each phase by x-ray diffraction methods was obscured by 
the development of a preferred orientation during tlie rolling process, 
llie shape of the curve, however, vras essentially unaffected when the data 
averaged over three different sections were plotted, as shown in Fig. 22. 
The curve of Charpy energy at -196°C, Fig. 21c, is i:i excellent 
correlation with the concentration of retained y phase. The plateau 
of the hardness curve v/as raised to a much higher level by the combination 
of deformation and tempering, than by tempering alone. 

An as-deformed structure is characterized by distorted martensite 

A 

laths with a high dislocation density. A TEM micrograph of such a 
structure is shown in Fig. 23a. The blocky martensite morphology, 
typical of solution-annealed structures (see Fig. 7b), v;as no longer 
visible. After anneal5.ng at 600"^C the structure became a mixture of 
phase : fine- seal e equilibriiim y, equilibrium a and uritransformed a.’ (as 
shown in Fig, 23b} . The distribution of each phase v;as not only fine 
(approximately O.Sym) but also uniform. The directional grov;th of the 
Y phase characteristic of a two-phase tempered structure, was completely 
absent. 
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Low tempera.ture mechanical properties were evaluated for specimens 
annealed 4 hours at 600°C, and the results are shovm in Tabic III and 
Fig- 24. An extremely high yield strength v;as obtained. Also noted in 
Table III are the remarkably enhanced elongation and the fracture toughness 
at -196°C. The enhanced toughness is also evident in the Charpy test 
results shown in Fig. 24. The fractui'c mode at -196°C, shovm in Fig. 25a, 
is predominantly a ductile tearing type. Therefore, it is demonstrated 
in the above results that an Fe-12Mn-0.2Ti alloy can be suitably 
processed into being a strong and tough steel at cryogenic temperatures. 

5. Hot -working and Tempering: 

The cold-roiling process in the pi'evious section could be replaced 
by hot-working, but the extent of mechanical property improvement is 
reduced. From a practical point of viev; the hot-rolling is more easily 
accomplished than is cold-rolling. In principle, the decomposition of 
metastable a,' martensite on tempering takes place more effectively in 
a perturbed structure. A perturbed structure can be retained by 
quenching a hot-rolled plate. In this section a set of experimental data 
obtained in hot-rolled and tempered Fe-12Mn-0 . 2Ti steel is described. 

The hot-rolling v?as conducted at several differ’ent temperatures in 
the austenitic range. An l*’-thick plate received a 50% thickness reduction 
in one pass. The rolled blanks were immediatly v?ater-quenched. A part 
of the blank underwent a further treatment, terai)ering at SOO^C for 4 hours. 
The hardness and low temperature Charpy impact test data are shovm in 
Table IV. Optical micrographs and SEM fractographs taken from the broken 
Charpy bars are shown in Fig. 26. 

Tlie impact toughness was improved by hot-rolling alone. However, the 
gain by additional tempering v;as marginal. It must be taken into account 



16 


tluit the particular irigot used in this experiment happened to shov.' poor 
tempering response in its solution-annealed state. Thercfox-ej the 
impact energ>- values listed in Table IV should be taken only for comparison 
purposes. The hardness v/as increased by hot-rolling, but was independent 
of the rolling temperature. Low temperature fracture appearances shovni 
in Fig. 26 are consistent v/ith the Chaipy data. Unlike the mixed inter- 
granular fracture mode in a solution-annealed and tempered specimen, the 
thermomechanical ly processed specimens revealed mostly a ductile tearing 
type fracture mode. 

B. TIIE SOURCES AND THE PREVENTION OF 

INTERGRANULAR BRITTLENESS IN Fe^l2Mn-0.2Ti 

Below the ductile-brittle transition tempei'ature an Fe-12i'tn-0.2Ti 
steel suffers intergranular cracking along prior y grain boundaries. 
Information on the source of this phenomenon is of vital importance for 
obtaining a desired toughness at cryogenic temperature. In the previous 
sections, various processing techniques to prevent this diastrous 
failure were described. In this section the results of an Investigation 
on the origins and the minimization of the phenomenon in the as-cooled 
condition is described. ' 

1. Inter gx'anular fracture in As-quenched Condition: 

Not all the martensitic Fe-Mn alloys show predominantly intergranular 
fracture below their ductile-brittle transition temperatures. The 
dominance of the intergranular failure mode ovei' the quasi-cleavage mode 
increases w’ith Mn content \i/ithin S~'12% as shown in the fracto graphs, of 
Fig. 27. V/hile exhibiting mostly transgranular cleavage, the fracture 
appearance of Fe-SMn alloys shov; some indications of decohesion along 
martensite packet boundaries. 
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An attempt to identify a precipitate formed along prior y grain 
boundaries in Fe-12Mn-0.2Ti alloy by T£M techniques was not successful. 

As shovm in Fig. 28, the prior y grain boundaries w^ere apparently free 
of precipitation in the as-quenched condition. 

To confiim the TEM results on a different basis, a further investigation 
was carried out by employing an AES technique. This technique is 
extremely surface-sensitive; thus a segregation within a few atomic 
layers of the surface should be easily detectable. For this experiment a 
larger grain size of approximately 200ytn v.'as obtained by solution annealing 
at a higher temperature, 1100°C. • 

The AES spectra obtained fx-om in-situ fracture surfaces of a 
solution-annealed and is'ater-quenched Fe-12Mn alloy are shown ill Fig. 29. 

The spectrum in Fig. 29a was obtained from a ductile fracture surface 
produced at room temperature; thus it represents the chemistry of bulb. 

The spectrtim in Fig. 29b was obtained from an intergranular fracture 
surface produced at approximately -140°C and thus indicates the chemistry • 
of the prior y grain boundaries. 

No significant differences between the tv,'o speetz’a are recognized 

\ 

■except- an S peah. A rather higher intensity of the S peak was frequently 
observed on the ductile fracture surface. Examination of a post-fracture 
surface by SEM-EDAX shov/ed tliat the regions of ductile fracture were often 
associated with inclusion particles and that these particles mainly 
consisted of Mn and S as shovm in Fig. 30. The absence of segregation 
was a.lso confirmed in the specimens austenized below 1100*^C; thus 
segregation was independent of austenitization temperature. ■ 

2. Martensite Embrittlement; 

The upper limit for observing intergranular fracture in an Fe-12Mn is 
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extended to a higher temperature when the alloy is heat-treated at 350°C. 

The aggravated embrittlement by this particular heat-treatment is 
illustrated in the ductile-brittle transition curves shoim in Fig. 31. 

The embrittling treatment resulted in an approximately 150*^C increase of 
the transition temperature. This phenomenon v/as also observed in an 
Fe-SMn alloy. In this alloy the Charpy impact energ>^ at had 

deteriorated from 3-4 N-m ^ to 1 N-m ■ by the same treatment. 

The characterlsteics of brittle fracture modes in botli alloys vrere 
not affected much by the embrittling treatment. However, some significant 
change of the chemistry of prior y grain boundaries v;as detected by the 
AES technique. 

Typical AES spectra obtained from the' embrittled Fo-12Mn and Fe-8Mn 
specimeTis are shown in Fig. 32 and Fig. 3^1, respectively. The most 
pronounced change of the prior y grain boundary chemistry in 12Mn steel 

32 

during the treatment was a build-up of Mn concent ra.t ion. A rough estimate 
gave approximately 24%Mn. Significantly, the Mn concentration on the 
embrittled fracture surface of the 8Mn steel w'as also high, approximately 
12%, in spite of the predominantly cleavage t}'pe fracture mode, Besides 
the high Mn peak in both alloys, -..an N peak w^as also observed on the 
embrittled surface, although the intensity v;as not significantly high. 

Other than the features just descz'ibed the AES data for embrittled 
specimens w^ere not too much different from those obtained from the 
as-quenched specimens. 

3. Embrittling Sources in the Fe-12Mn-0. 2Ti Alloy: 

From the AES data described so far, it is apparent that the inter graiuilar 
cracking in an Fe-12Mn-0 .2Ti alloy involved more than one source. The 
observation of the pbenomenon in both as-quenched and embrittled conditz.ons 
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led to an experiment to locate the embrittling zones in a field witli 
coordinates of temperature and tine. This was successfully acliiored 
in a furnace-cooling/interrupted fast cooling experiment, whose results 
are described below. 

Blanks of Fe-12Mn-0.2Ti steel received a solution treatment at 
llOO^C for 2 hours followed by a furnace-cooling for a specific period 
which gave a specific final temperature. Then they vierc taken out of the 
furnace and subjected to air-cooling to room temperature. Charpy specimens 
were machined from the blanks and tested at -196°C. An intriguing set of 
data v.-as obtained and illustrated in Fig. 55 vdth the corresponding cooling 
curve. The specimens interrupted from the continuous furnace-cooling 
either too early or too late showed not only low' impact energy but also 
intergranular fracture (as shown in Fig. 36). How'ever, the specimens 
transferred to room temperature after 11-12 hours of furnace -coo ling did 
not experience this intergranular cracking and shou'e.d high impact absoi’ption 
energ)'. The temperature of the furnace at the moment of interruption v/as 
in the range of 120''100*^C. Comparatively high impact energy was also observed 
in a specimen air-cooled after 9 hours of furnace-cooling. The increment 
of the impact energy in this case, however, was Gomparat5.vely small. 

The AES spectra obtained from the specimens subjected to three 
different modes of cooling are shovni in Fig. 57. The Fe-12Mn-0.2Ti alloy 
directly quenched from the austenitiziation treatment shows essentially the 
same characteristics of Auger peaks (Fig. 37a) as those of an identica,lly 
treated Fc~12Mn alloy (Fig. 29b) . The specimen ai.r-coolcd after 12 hours 
of fm-nace-cooling could not be fractured intergranularly, even at a very 
low temperature. Therefore, Fig. 37b was obtained from a ductile fracture 
surface and shov's esseiitially the same characteristics of bulk Fe-12Mu as 
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shown in Fig. 29a. Fig, 37c was obtained from an intergranular surface 
of a completely furnace-cooled specimen . In this spectrum an Auger peak 
is observed at an energy level closely corresponding to N. 

To summarise, it is clear from the above experiments that . there 
are two separate sources of intergranular brittleness in an Fe-12Mn-0.2Ti 
alloy. One is due to fast cooling from above 12o'^C. The other is due 
to a prolonged exposition belov/ lOO^C, No indication of segregation 
was found in xhe former case while in the latter a minor N concentration 
was found along prior y grain boundaries. 

C. GRAIK FIEFINEMENT OF Fe-SMn 
ANI) Fe-lOMn ALLOYS 

Various processing techniques to improve the cryogenic toughness of 
an Fe-12>Mn-0. 2Ti alloy steel v;ere. described in section A. In this steel 
an attempt to obtain a uniform, ultra-fine grain size by a thermal cycling 
technique developed for Fe-12Ni-0 . 25Ti alloy was not successful, The 
ineffectiveness of this technique in the 12Mn alloy steel appeared to 
be due to the intrusion of the e phase, which id.ll be discussed later. 

How'ever, the thermal cycling grain refinement technio^ue v/as found to be 
effective in an Fe-8Mn alloy. The results of its application in the 8Mn 
and lOMn alloys are described below. 

1. Fe-8Mn: 

Details of the theimial cycling grain refinement technique are described 
22-^4 

elsev.’hcre. ~ A schematic diagram of the heat treatment is shoW'n in 
Fig. 58. It essentially consists of alternate heat-treatments betw'een 
Y and a+y regions in the equilibrium phase diagram. The temperatures for 
each heat-treatment was determined from the previously obtained transformation 
temperatures shown in Table II. Specimens vrere vv'ater--qucnchod after each 
heat treatment. , '7" ' ' 
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A series of microgi’aplis in Fig. 39 shov.'s successive grain refinement 
by each treatment. The initial grain siS'.', designated as AS (As Solutiop- 
anncalcd, 900^C/2h) , was 70iJm. In tlie first step, lA, the grain size 
was reduced by a recrystallization of y a relatively lov; temperatui'e 
above Afa ’ . The next refinement, IB, v;as obtained by exposing the lA 
structure at 650°C, v/hich is inside the tv.’o-phase region. By repeating 
lA and IB two times, 2B, a substantial reduction of grain size was achieved. 

A repetition of all these steps one more time, 4B, destroyed all traces of 
long martensite laths of the 2B structure. Average grain size after the- 
2B treatment \vas approximately 1 pm. . 

In order to obtain retained y phase a further heat-treatment at 600°C was 
given to the grain-refined spec irAen. V-Iiile the structure after grain 
refiTiement was 100% bcc a or a' it contained 10 vol.% each of y and e 
phases as a result of the additional heat-treatment. 

The Fe-SMn alloy has little ductility at -196^C in its solution- 
annealed condition, as shown in Table V and' Fig. 40. After the grain 
refinement, however, reduction in area was enhanced from 6% to 70% 
and total elongation was increased from 4% to 26%. Initial yield 
strength and ultimate tensile strength were maintained during the grain 
refining. A further increase of the elongation v.'as observed after the 
additional retained y treatment. However, this via.s accompanied by 
slight decreases in yield strength and reduction in area. 

The improvement in impact toughness v.*as also pronounced. As shov/n 
in Fig. 41 the transition temperature was suppressed by 130^C after the 
grain refinement. The retained y treatment suppressed ft an additional 
50°C; thus a toughness transition v/as not observed above -IBO^C in the 
final structure. Fractogra.phs tahen from both Charpy specimens and tensile 
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specimens tested at -196^C are shov.n in Fig. 4.3. The fracture surfaces 
of grain refined specimens show evidently higher plasticity than solution- 
annealed ones. 

2. Fe-lOMn; . 

The pa'inciples of thermal cycling grain refinement might well be applied 
to an Fe•-10^^n alloys as it is to Fe-SMn alloys. ■ As an intermediate 
composition the lOMn alloy has less e phase than the 12Mn alloy and a 
lower initial ductile-brittle transition temperature than that of the 
SMn alloy. Therefore, a moderate suppression of the transition temperature 
was expected by the thermal treatment. However, the results described 
below shov.'cd that the extent of the suppression was not as large as v;as 
expected. 

Ihe schedule of heat -treatment was determined in the same v;ay as in 
the Fe-SMn stool . In Fig. 44 , inicrostructures of a solution-annealed and 
a gi'ain refined Fe-lOMn alloy arc sho\m. .Apparently, the effectiveness 
of grain size reduction v;as not less than that vdiich was obsei'ved in the 
Fe-SMn alloy. Hov;ever, a much sm.aller suppression of the ductile-brittle 
transition temperature w'as observed in the grain refined Fe-lOMn steel, 
as shown in Fig. 45. In spite of the relatively small decrease of 
transition temperature, the shelf energy values v/ere increased v/ith 
resulting improvements in ductility, as shov.Ti in Fig. 46. 

In summary, the data obtained on Fe-S.'-Jn and Fe-lOMn alloys clearly 
indicate that the thermal -cycling grain-refinement technique is effective 
only in on e-free dislocated martensite structure. 
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IV. DISCUSSION 

A. 'STRUCTURE AND PROPERTIES OF 
Fe-12f.h-0.2Ti ALLOY* 


1 0 33 

Phase transformation studies in Fe-Mn or Fe-Mn-C systems began 
even before the 1930*s. Most of the equilibrium transformation products 
were determined by Troiano’s work. Transformation studies using 
continuous cooling have been completed more recently. . 

Except for the fact that Mn is a stronger stabilizer of y iron than 
Ni, the aspects of transformations on continuous cooling of Fe-Mn alloys 
with less than 10% Mn are quite siBiilar to those of the Fe-Ni system 
with less than 29% Ni. ’ ^ At modest cooling rate an equilibrium ferrite, 
massive ferrite and dislpcated martensite structures are obtained for 
0'-2%, 3'-5%, and 6-10% Mn steels, respectively. The presence of l6~2S%Mn 
in an Fe lattice produces some hep z phase, which is not observed in the 
Fe-Ni system. The relative amount of e phase increases with Mn concentration, 
then decreases as the high temperature y pliase is retained by more than 
28% addition of Mn. The structure of Fe-12Mn-0 . 2Ti alloy^ is basically 
dislocated martensite with approximately 15 vol.% of e phase in the 
solution-annealed condition. 

The solid-solution hardening effect of Mn in Fe-4~10%Mn alloys is 
9 13 21 • 

minimal. ’ d Most strengthening in these compositions is originated 
by dislocation substructures in the continuous transformation pz'oducts. 

1 -2 35 

A minor addition, up to 3%, of Mn does not affect the ductility of Fe. ^ 
However, increasing Mn from 4% to 8% increases the ductile-brittle transition 


temperature of the bcc structure through a substructural hardening effect. 

With more than 12% Mn, the alloys become less susceptible to a shar ]5 ti'ansitxon 
because. tlie soft phases such as e or y become predominant. The gain of 
low temperature toughness in these alloys, of course, is accompa.nied by 
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a. deterioration of strength. In our present investigation, fe-12Mn 
was chosen as the main composition of interest because the lowest 
transition temperature is obtained in this composition concomitant with 
the highest martensitic strength. Ti was added to scavenge interstitial 
impurities. 

1. Effect of the e Phase on Mechanical Properties: 

The observation of the presence of hep e phase has been made in 

36 37 10 11 14—15 

numerous systems; pure Fe under high pressure, Fe-Ru, Fe-Mn, ■’ 

3g„44 

and Fc-Ki-Cr. ' In Fe-Ni-Cr alloys it has been v.-ell established that 

e is a discrete phase with a hep structure and not merely an aggregate 

41-42 

of random faults in y. Often the hexagonal phase is observed in 

association v/ith ad martensite. This raised a question of controversy 


concerning the mechanism of the transformation decomposition of the y pliase. 

Venables and Schumann suggested a sequential ti'ans format ion 

mechanism of y -> £ ~> ad. On the other hand. Dash a7id Stone insisted 
on independent transformation routes of y ->- e and y -> a'. Despite the 


controversies, it is generally accepted that the phase is metastable. An 
exceptional observation ^'.'as made, ho'wever, of an Fe-18Cr-SNi stainless 


Steel in which the e phase was detected by TEM a.fter a prolonged holding 
at a subzero temperature. . 

In Fe-Mn binary alloys, the e phase has been observed for 
concentrations of 10'^28%Mn. 38 metastability of this 


phase against plastic ' deformation has been v/ell documented in the 
^ . 11, 22, 38 . . , , . tut ^ 


literature , 


Hov/ever, Jt is less obvious whetlver the transitional 


behavior of the e phase has any beneficial or detrimental influence on 
cryogenic mechanical properties. This is an important point to be clarified 
in initially martensitic Fe-Mn alloys since this phase may intrude 


frequently during a specific heat treatment. 
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In a solution-’annealed Fc-l2Mn-0 . 2Ti alloy, there are two distinct 
morphologies of a’ as sho\m in Fig. 7b. The TEM observations of the 
e phase in this specimen were possible only in the regions of block- 
like a* martensite morphology. Hov.-ever, not all such regions were 

g 

associa-tod with e. Holden et al, did not observe the e phase in an 

Fe-12.5%Mn alloy, and attributed its absence to the c -> a* transformation 

during his electro-thiiming process. However, in view of the specimen 

dimensions it is unlikely that the stress-assisted transformation 

occurred locally during the preparation in the present investigation. 
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Therefore, present data support the proposition by hreedis' that the 
peculiar block-like morphology of o’ crystals is not a sufficient condition 
for the presence of the a phase. 

A typical appearance of the a phase is shown in Fig. 8 in TEN! dark- 


field contrast of an 


[nic], 


zone. A streaking duo to the thinness of 


the E pilatelets was ohserved in the diffraction pattern, but the micrograph 
shows that the thin £ phase plates do not cover a’ lath boundaries in any 
continuous fashion. ' It may be a consequence of an e ->• a’ transformation 
by a locallized strain which accompanies a' crystal formation. Although 

a complete analysis is not available, this result favors the sequential 

. ' . 14-15, 41 

Y -> £ a transformation. 

The amount of e phase in Fe-12Mn-0.2Ti steel is dependent on the 
soaking temperature in the austenitization process. Although the variation 
is not significant, the dependence of the amount of e phase on the previous 
austenitization tcirperature is shovrn in Fig. 13a. A similar observation 

was made earlier by Parr in a low carbon, Fe-18.5%Mn alloy. He 

' ^ o 

reported the occurrence of a maximurii c concentration after a 1250 C 

treatment. Present data show a rather smooth plateau at around 9$0'~10S0^C. 
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Since the highest temperature employed in this work was lOSO^C, the data 
cannot confirm Parr’s observation. 

The accumulation of the £ phase by a heat-cycling to a temperature 
just above Afa', as shown in Fig. 11b, is an interesting phenomenon. A 
similar example is found in a managing steel where an accumulation 

of reverted y phase v/as observed by essentially the same treatment. A 
local adj'ustment of composition occurs during heating through the two- 
phase region. Once the temperature exceeds Afa', homogenization takes 
place. Kow'ever, the removal of compositional fluctuation is difficult 
because of the slow rate of diffusion of solute atoms in the fee y structure 
and the insufficient time allowed for the diffusion. 

In Fe-12Mn-0, 2Ti, the local perturbation of composition may be 
favora.ble for the formation of some metastable a phase. Therefore, the 
accLimulation of e pliasc occurs by repeating the brief austenitization 


process. . • 

The reversion-cycled structure is a useful matrix in which to determine 
the effect of £ phase on cryogenic meclianical properties of martensitic 
Fe-Mn steels, since the structure is relatively unaffected by other 
metallurgical factors such as grain size and retained austenite. From 
the results obtained in this experiment (Fig. 12-14 and Table III) it 
can be concluded that the £ phase is beneficial for impact toughness, 
bat only through some sacrifice in yield strength. The serious loss of 
strength is mainly due to the stress-assisted transformation of £ to a’. 
Therefore, an a-ttempt to use £ phase to obtain toughness by a TRIP 48-49 
(Transformation Induced Plasti city) mechanism must be preceedeci by a 
treatment to maintain the strength of the original matrix. 

2. Tempering and Retained Phases: 

As described earlier, the structure of a solution-aimealcd Fe-12Mn-0 . 2Ti 
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alloy is essentially dislocated martensite with a small mixture of e phase. 

hTien this structure is heated to a temperature within the tv;o-pha.se 

(a+Y) region of the equilibrium phase diagram, equilibrium y phase 

nucleates. The new y phase has a higher solute concentration, and thus 

a lower transformation temperatures than the previous matrix. The 

retained austenite may be stable against a transformation to a' at -196°C. 

The nature. of the tv/o-phasc decomposition and the retention of the 

Y phase is essentially the same as in Fe-Ni alloys. The effect of the 

retained y phase on low-temperature mechanical properties of Fe-Ni steels 
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has been studied extensively. * Many v.'orkers have obsei'ved improved 

2 *^ 2 ^7 

impact toughness v;ith a small amount of retained y phase. * » 

However, it is not clear yet whether the toughness comes from the retained 

y per se, or from an interaction between the fee phase and interstitial 

impurities in the matrix. Stability of the retained y phase against 

mechanical deformation is another subject of question. 

In Fe-Mn alloys, data on the effect of two-phase decomposition products 

19 

on mechanical properties are scarce. Bolton reported some beneficial 
effect of tempering on low temperature impact properties of martensitic 
Fe-Mn steels With less than 10% Mn. No retained phase v/as found in this 
work. The results obtained in this present investigation on Fe-12Mn-0. 2Tl 
alloy are quite diffetent . 

As shown in Fig. 15, the amount of each constituent in a two-phase 
tempered structure is strongly dependent on the tempering temperature. This 
must be a consequence of the diffusional clvaracteristlcs of the a’ a + y 
transforraation. -The occurence of maximum concentration of the retained 
y phase is determined by a kinetic constraint at low tcmpei^aturcs and an 
lov;er equilibrium solcite concentration at high temperatures. At high 
temperatures the rapid increase of e with decreasing y ebneentration is a 
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result of the low stability of the y fonaecl at this temperature. 

The tv.’o-phase decomposition in Fe-12Mn-0.2Ti alloy results in a 
unique microstructure, as shov.'n in Fig. 17 and Fig. IS. The pz'cferential 
nucleation and growth of the eqziilibrium y phase along prior y or a’ 
martensite lath boundaries has been observed in many alloys. 

In the 12Mn steel, this reaction is particularly accelerated because of 
the pre-existing e phase in the solution-annealed specimens. In the 
previous section it was noted that the location of discontinuous e sheets 
was always along the blocky martensite boundaries. A diffusionless 
reversion transformation of e -> y occurs at 240''350^C (see Table II) 
during heating. Therefore this process precedes the diffusional two- 
phase decomposition. In the latter reaction the easiest path for the 
growth of the reverted y phase is along the pre-existing la.th boundaries. 
This results in a much more straightly aligned microstructure than an 
identically heat-treated £-free Fe~SMn martensite structure as shown in 


Fig. 19. 

The low temperature impact toughness of a tw'o-phase tempered 

Fe-12Mn-0. 2Ti alloy can be correlated v.'ith the amount of retained y phase. 

\ 

The proportional increase of the t\vo values is most evident in the 
isothermal heat-treatment at SOO^C, vdzose results are shovm in Fig. 16. 

The effect of some retained £ phase must be insignificant. This is shovs’-n 
by the lack of cox'relation between the retained e and the impact energy 
curves, particularly in .the initial period (up to 4 hours). This is in 
agreement v.'ith the former result that the £ phase is only bencficia.l for the 
toughness through some sacrifice in yield strength. 

The significance of tv;o-phase tempering from the mechanical property point 
of view 3 s that it increases strength and toughness simultaneously, as 
shown in Table 111. This increase -is mainly diie to tlvO grain refining 
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effect v.’hich accompanies the a' ->■ a + y decomposition reaction. 

Impingement of the newly formed phases of tvs^o different structures 

57 

imposes a constriction on gram coarsening. The resulting fine grain 
size is sufficient to compensate the softening effect of recovery in the 
initial martensite structure and increase the retention of y or e phases. 


The unaffected yield strength with the presence of retained y has been 
also observed in many other Fe-.\'i based systems. 


From the present data it is difficult to isolate the contribution 

of reduced grain size to the impact energy from that of the retained 

y pliase. However the latter must be more significant than the former, 

at least in the initial period of tempering. Supporting this view is 

50 

an observation made by Hv;ang et al . in an Fe-12Ni-0 .25Ti alloy of ultra- 
fine grain size. An enhanced impact energy in this alloy v;as observed 
by introducing retained y without any apparent change of grain size. 

3. Effects of V/orking on Tempered Structure: 

The extremely directional characteristics of the nev; phase grov/th 

in the tw-o-phase tempered Fe-12Mn-0.2Ti alloy can be substantially changed 
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by adding plastic defomiation to the tempering treatment. Miller 
reported similar results in some' martensitic Fe-Ni alloys and Fe-Mn 
alloys of low Mn concentration. The effect is more dramatic in the 12Mn 
steel because of the £ phase which is an origin for the y phase- 
directionality in the microstructure. 


The deformation provides the alloy with a large driving force for the 
imcleation of the nevs' phase in the a’ -> a. + y decomposition process. 

In addition to increasing the stored energy, the deformation transforms 
E to a' by a stress-assisted mechanism and thus removes the origin of 
deleterious £ y reversion during subsequent heating. 
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During the t\vo-phasc tempering, new y grains appears to nucleate 
randomly on severely deformed boundaries as well as on dislocation cell 
walls. The nucleation and growth in the deformed structure pu'oceed at 
much higher rates than in solution-annealed structures. I'his is 
evident by the comparison of the amount of transformation products in 
each case (Fig- 21 and Fig. 15) . The coarsening of the new phases is 
restricted, however, by the two-phase impingement. This leads to a 
structure vihich consists of uniformly distributed ultra-fine grains, as 
shown in Fig. 25. 

The effect of cold-v/orking on the subsequent two-phase decomposition 
is most pronounced in the phase analysis of the final structure, as 
shown in Fig. 21. The substantial increase of retained y 3- 
consequence of two factors: 1) high decomposition rate and 2) the increased 

stability of y diio to the ultra-fine grain size. The effect of the fine 
grain size in reducing the y -> a’ transformation temperature v;as 
demonstrated by Leslie in an Fe-Xi alloy. The significantly reduced 
e phase concentration is also a consequence of the increased stability of 
the y phase. 

The improvement of mechanical properties by the cold-vjoi'hing and 
tempering treatment is phenomenal. The enhanced properties may be 
attributed to the fine grain size and the high stability of retained 
austenite. The relationship betv.'een the increase in the cryogenic 
impact a^bsorption energy and the amount of retained austenite is shovm 
in Fig. 21. 

From the results shovm in Table I TI and Fig. 21 it is confirmed that 

the yield strength of a two-phase decomposed structure is not affected 

- 24 50 5Q 

by the presence of retainea y phase. ’ ' “ The unusually li5gh 
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yield strength, 1172 MNm at “196°C, was obtained from a specimen, v/hicb 
contained more than 70 vol.% o£ y phase. Hov;ever, this may be an 
overestimate if the preferred orientation effect shown in Fig. 22 is 
taken into account. The average grain size observed in Fig. 23 is 
approximately 0,3ym. 

The replacement of a cold-vrorhing process by a hot-working one 
may be advantageous from the financial point of view. In this case the 
structural refinement is governed by recrystallization of the y phase. 
Since the deformation is conducted at a high temperature well above 
Afa’, a d>Tiamic recovery may take place. Therefore, to maintain a 
perturbed structure for the subsequent tempering, a hot-rolled 
specimen must be rapidly cooled before full recrystallization and 
grain growth of the y phase occur. This appeared to be achieved 
by water- quenching, as the hai'dness in Table IV indicates. 

However, a relatively small gain in the impact energy by this 

additional treatment v/as observed. This suggests that the stored energy 

pi'ovided by hot-v?orking is not so large as to keep the decomposition 

reaction proceeding at a high rate, as it was in the cold-worked case. 

Nevertheless, the moderately improved Charpy impact energy and the 

ductile appearance of the fracture surface in the as-rolled condition 

(shovm in Fig. 26) indicate that hot-rolling may have potential usefulness 

PURGES AND PREVENTION OF 
INTERGRANULAR FRACTURE IN AN 
Fe-l2Mn-0.2Ti ALLOY 

A solution-annealed Fe-12Mn-0.2Ti alloy fails intergrannzlarly belov'/ 
its ductile-brittle transition temperature. The brittle fi'actuxe occurs 
along prior austenite grain boundaries and the denuded grain boundary 
facets reveal little plasticity. The intergranular fracture mode is 
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uniquely observed for this composition. Other martensitic Fe-Mn alloys 
are prone to transgranular cleavage t>'pe fracture with decreasing Mr 
concentration. This is illustrated in Fig. 27. It was confirmed that 
the addition of 0.2%Ti did not influence the nature of the fracture mode. 

Bolton et al. reported the intergranular fracture as a common mode 
of brittle failure in Fe-Mn alloys with less than 13%Mn, which is in 

9 

disagreement with the present observations. On the other hand, Roberts 

reported a cleavage fracture in Fe-9%Mn alloy. This was supported by 

other observations including the present one. Hov/ever, it must 

be noted that intergranular embrittlement in some tempered low carbon 

6X 65 

steels is accelerated by the addition of a fev: percent of Mn. 

The information on the source of intergranular embrittlement in 
Fe-Mn binary alloys is of critical importance v/bon designing a cryogenic 
steel based on this system. Unfortunately, little data are found in the 
literature which deal v/ith the disastrous failure mechanism for this 
particular system. The results of the present investigation do not 
provide a full explanation of this phenomenon, but they do provide some 
nev/ insights into the problc]u. . 

1. Intergranular Fracture in the ■ So Put ion-annealed Condition: 

An extensive amount of research work has been done on intergran^ilar 
fracture which occurs in iron-based alloys ranging from relatively pure _ 

Fe to stainless steels. The observed phenomena are diverse, but they may 
be divided into two broad categories. The first category includes all 
the ' ^stances V, 'here the particular mode of brittle fracture is observed 
after a sjjecific heat -treatment at a relatively low temperature. Examples 
of such a heat -treatment are annealing of pure Fe, tempering of Ni-Cr 
steel, '’ etc. To the second category belong the occurence of inter- 


35 


gi'anular fracture in specimens solutioH'-annealed at relatively high 

86 91 

temperatures in the y region. Quench- cracking and phosphorous 

embrittlement are specific examples. The problem in Fc-12Mn alloys 
belongs to both categories. This alloy shoves intergranular fracture in 
the as-quenched condition as well as after a heat-treatment at a specific 
temperature . 

Except for quench- cracking, the grain boundary failures cited 

above mostly involve a segregation of harmful impurities or alloying 

elements along prior y grain boundaries. The chemical segregation is 

presumed to decrease the cohesive energy of these boundaries. In fact, 

19 

Bolton et al. a.ttrlbuted the brittleness of dislocated martensitic 

Fe-Mn alloys to the sam.e cause. Hov/ever, the present experimental data 

on Fe-12Mn alloys shov; that the hypothesis of segregation is not alv-'ays true. 

In detecting chemical species the problem involves both spalia'' and 

92 

spectroscopic resolution. High resolution TEM e.g. lattice imaging 

and optical microdiffraction is capable of detecting minor second phases 

and solid solution effects (through changes in lattice parameter) at 

high spatial resolution (~loR) . On the other hand spectroscopic resolution 

such as by Auger, v.'hilst distinguishing elements of adjacent atomic number, 

suffers from relatively poor area spatial resolution but good depth 

29-30 65 93-95 

resolution. The Auger technique, ’ ^ ' because of the short 

• escape depth of the secondary electrons, can be pov'.’erful for detecting a 
segregation of fevs' atomic layers if the region can be denuded by fracture. 

In a solution-annealed specimen no significant segregation was observed 
by TE^j (Fig. 28) within the resolution limit available in the present 
investigation. It was neitber detected by AES, as shovm in Fig. 29. The 
only difference between bulk and grain boundaries of a solution-annealed 
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specimen v;as the erratically high S peak in the former. This turned out 
to be a result of the higher population of MnS particles on the ductile 
fracture surface as shovm in Fig. 30. Therefore, from present data the 
intergranular fracture in the solution-araaealed 12tMn alloy does not appear 
to be a consequence of chemical segregation. Of course this does not 
preclude the possibility of having segregation in the austenitizing 
treatment if the alloy is doped by a specific element such as P. 

2. ^5artensite Embrittlement: 

* 9 83 96--97 

Many martensitic steels > ^ show a deterioration of toughness 

when they are subjected to a tempering in the rela.tively low temperature 

range of 2C0°C-360*^C. The phenonmenon is often called "martensite 

embrittlement" of "350°C embrittlement." The embrittling sites have 

been delineated to be either transgranular or intergranular. In the former 
102 

case Thomas attributed the phenomenon to the thermal instability of 
interlath retained austenite. For the latter case McMahon proposed 

a model which asstimed segregation of impurities in the austenitizing 
treatment. In his model, carbon diffuse onto the prior austenite grain 
boundariC v during the tempering and thereby forms a brittle interface betv/een 
the carbides and matrix. However, no experimental evidence is yet • available 
to prove this hypothetica: n^erregation in the austenitizing treatment. 

The martensite embrittlement in martensitic Fe-Mn alloys was reported 

^ , ,19 

by Bolton et al. In this work the embrittlement ^^as evidenced by a 

measurement of impact absorption energy at room teniperatuxe. The embrittlement 
is confirmed by the present observations in Fe-12Mn and Fe-SMn alloys. The 
decreased toughness of the Fe-I^Mn alloy by 350°C heat treatment v;as revealed 
by the rising of the ductile-brittle transition temperature, as shown in 
Fig. 31. In the Fe-SMn alloy this property V’zs measured by a drop of 
Charpy impact energy at -195°C. ■ 
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The AES data obtained fi'oin low teraperature fracture surfaces of 
embrittled spec5.mens differ from these obtained from bulk surfaces in their 
Mn peaks. Therefore, it is evident that Mn diffusion occurred during the 
heat treatment. Since the treatment is conducted essentially within the 
two-phase region of the equilibrium phase diagram, it is not stu-prising 
to observe higher ^^n concentrations on high angle boundaries. In fact, 
the higher concentration cc Mn on the embrittled surface of Fe-SMn alloy 
strongly indicate that the cleavage path in this alloy may be along 
martensite packet boundaries. 

It is not entirely obvious v/hether the segregation of Mn in these 
alloys is directly responsible for the observed embrittlement. However, 
a hypothesis for an extreme case may be made such that a brittle interface 
forms betv.’een two thin layers of Mn-depleted and Mn-enx'iched regions. 

This is feasible since the diffusion of the substitutional Mn atoms must 
be limited to short distances at a low temperature of 350^C. In 
addition to the Mn segregation, a small amount of N was often detected 
on the embrittled surface. This may further weaken the brittle interface. 
3. Embrittling Sources During a Slow Cooling; 

From the results discussed in the previous sections it was deducted 
that the intergranular fracture in an Fe-12Mn steel may not be of single 
source but of multiple ones. The idea was that either a diffusionless or 
a sub-micro scale diffuslonal process could result in the same fracture 
appearnce in SFM. This is evidenced by the experimental results shown 
in Fig. 35 and Fig. 36. 

There are two extremes of cooling rate which cause intergranular 
v;oakness. Quenching from the austenitization temperature is one extj-eme 
and a complete furnace-cooling is the other. Surprisingly, a stepwise 
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cooling almost entirely prevents the intergranular fracture and thus 
increases the lov; temperature impact toughness. The stepwise cooling 
essentially consists of a furnace-cooling to approximately 120°C 
followed by an air-.cooling from this temperature to room temperature. 
The critical temperature turned out to be very close to Mfa', as shov/n 
in Table II. 


The nature of intergranular fracture in the quenched condition 
appears to be a sort of quench-cr, aching. Wlien the alloy is cooled rapidly 
'through the Mfa’ temperature it encounters a violent impingement of a' 
martensite plates on its prior y grain boundaries. The damage to the 
prior Y grain boundaries v;i 11 be amplified in .the presence of the e phase 
via the y e ct’ transformation route. Since the e phase is the densest 
phase in the Fe-^'{n alloys^ neighboring y grains undergo a sudden contraction 
and expansion over a short time and temperature interval . The grain 
boundaries v;ill fail to find time to accomodate the local strains in the 
adjacent grains and thus become micro -cracked. This explains why the 
cracking along prior y grain boundaries is far more dominant in an 
Fe -l^Mn alloy with approximately 15 vol.% of £ phase than in an Fe-SMii 
alloy with virtually no £ phase... 

Another source of the intergranular weakness in an Fe-12Mn-0.2Ti alloy 
sets in after the alloy is completely transformed to a’ martensite uoth 
an admixture of some £ phase. The fact that this source can be suppressed 
by a fast cooling suggests that the origin of embrittlement in this case 
is related to diffusio.nal characteristics. The embrittiement is pronounced 
in a specimen hold below the Mfa ‘ temperature for more than , 2 hours. 


Therefore, the diffusional process must be active at a temperature as low 


as 100 C. 
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This observation is strongly suggestive that the source of the second 
embrittling phenomenon has a. common nature with the martensite embrittlement 
discussed in the previous section, Tne reasons are: 1) the embrittling 

occurs only in the martensitic structure 2) it shov/s the diffusional 
characteristics. However, it is not clear at this moment what kind of 
species is responsible for the embrittlement. The AES data (Eig- 32) for 
the quenched and embrittled Cat 350°C) specimen showed a significant 
concentration of Mn on the grain boundaries. On the other hand, the Mn 
concentration on the grain boundaries of the furnace-cooled specimen was 
not higher than the bulk. In both specimens some intensities of an N 
peak v/ere observed, but the concentration v;as too small and the data 
scatter v/as too large to draw a conclusion. Therfore, further investigation 
is needed to identif>" the element which is commonly responsible for the 
embrittlement in both cases. 


C. THEPdm CYCLING GFLAIN REF INFi.IENT 
IN FeLSMn ancTT^lOMn STEELS 

Jin et al. showed that an Fe-12Ni-0.25Ti steel can be grain- 

refined through a thermal cycling technique. This technique essentially 

consists of an alternating heat-treatmient in the y and a + y regions, as 

\ 

shovm in Fig. 3S. It v;as demonstrated that an ultra-fine grain size v;as 
obtained by this technio^ue, and the fracture toughness of this alloy 

was significantly enhanced as a conseapaence. Similar grain -refining 

, • ^ ^ 24, 55, 98-100 

technrques have been reported xn other alloy systems. 

The application of the thermal- eye ling technique for refining the grain 

size of a Fe-12Mn-0.2Ti alloy was not successful. The reason appears 

to he the intrusion of the e phase in this alloy. As discussed earlier, 

the diffusionless e Y reversion induces ?,n extremely directional growth 


of equilibrium Y eluting the subsequent two-phase heat treatment. 


r 


I 
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This must not be a problem in an E-free dislocated martensite 

structure, such as in an Fe-SMn-0.2Ti steel. In fact, the structural 

development shov'm in Fig. 39 demonstrates that the thermal cycling 

technique can be successfully applied to this t>-pe of structure. 

The reduction of grain size from 70pm to approximately lym resulted 

in a suppression of the ductile-brittle transition temperature (Tc^ by 

130*^C. According to Stroh’s relationship this gives a slope of 

31°C/.fnCpm3 in a plot of Tc vs. d, as sho\'m in Fig. 42. This value 

9 

is slightly less than what Roberts observed in an Fe-9Mn alloy, but 

19 

higher than Bolton’s data for an Fe-SMn alloy. 

The introduction of retained austenite in the grain-refined structure 
results in an additional suppression of Tc by 50°C. Hovrevor, this 
accompanies a slight degradation of yield strength, as shown in Fig. 40. 
This appears to be an indication tliat the retained austenite produced 
in the fine structure has lov/ stability against mechanical deformation. 
Therefore, as reported by Hwang et al . for an Fe~Ni alloy, the Kj.^ value 
might have 7iot been increased by the supplementary heat -treatment . 

The application of the thermal cycling teclmique to an 'Fe-lOMn 
steel was not as effective as it -had been expected. The reason appears 
to be the presence of an unexpectedly higher amount of e phase in the 
initial structure. X-xay analysis identified appxoxi.mately 12 vol.% £ 
in this alloy, as compared to 15 vol.% e in an Fe-12Mii alloy. Accordingly^ 
the suppression of Tc was not as significant as it v.'as in an Fc-SMn alloy, 
in spite- of the apparently fine stractue, as shov/n pn Fig. 44. Therefore, 
this result confirms again that the thermal-cycling grain-refinemont is 
effective only in an. £-frec disloca.tcd martensite structure, 
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V. CONCLUSIONS 

The follov/ing conclusions may be drav/n from the present investigation: 

1 . A tempering treatment within the two-phase (a + y) region is beneficial 
for the low temperature mechanical properties of Fe-l2Mn-0 .2Ti steel. The 
property improvement is obtained mainly by retained austenite and grain 
size reduction. Hov^rever, a martensite embrittlement is induced by the 
treatment at a particular temperature around 350°C. 

2. Cold-working enhances the improvement in the cryogenic mechanical 
properties produced by the two-phase tempering. This is achieved 
chiefly through an increase of the decomposition rate and the removal of 
preferential sites for the new' phase. Combining the two processes results 
in a simulataneous improvement of toughness and yield strength in the 
12Mn steel. 

3. Hot-working can replace cold-w'orking to a certain extent. However, 
the increase in toughness by additional tempering is not as significant. 

4. The presence of e phase suppresses the ductile-brittle transition 
temperature of 12NIn steel, but only at the expense of yield strength. 

5. The source of brittle intergra.nula.r fracture in an Fe-12Mn-0 . 2Ti 
alloy is two-fold. The first one is connected vdth the continuous 
transformations during a fast cooling from an austenitization treatment. 
The second one can be delineated by either a cjuench and tempering or a 
complete furnace-cooling. This source has diffusional characteristics, 
but the identity of the responsible species needs further investigation. 

6. The embrittling sources can be avoided by a step-W'ise cooling with 
respect to the critical temperature (aa'ound l20°C) W’ith resulting in an 
increased cryogenic toughness. 

7. An Fe-SMn alloy can be toughened by a thermal cycling grain-refinement 
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technique. This techaique is ineffective in Fc“12Mn and Fe-lOMn alloys 
due to the presence of e phase in the initial structure. 
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Table 1. Chemical Composition of Alloys 


Composition 
(v/t. pet) 

Fe-SMn 


Alloy Designation 
Fe-lOMn 

Fe-12Mn-0.2Ti 

,Fe 

Bal. 


Bal. 

Bal. 

Mn 

7.8 


10.5 

11.9 

Ti 

0.04 


- 

0.16 

C 

0.002 


0.043 

0.001 

0 

0.050 


- 

0.028 

s 

O'. 006 


- 

0.007 

p 

0.007 


- 

0.007 

A1 

>• ' 


0.3S . 

- 

Mo 

- 


- 

0.010 

Ni 

- • 


- 

0.050 

Cr 

- 


- 

0.002 

V 

- 


- 

0.010 

Kb 

- 

\ 

- 

o.oos 


: Not Analyzed 
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Table II. Transformation Temperatures of Fe-Mn Alloys 



Nominal Composition ' 

Ase 

Afe 

Asa' 

Afa' 

Msa ' 

Mfa' 

Fe-SMn 

- 

- 

660 

700 

460 

310 

FeOlOMn 

*• 

- 

600 

670 

310 

160 

Fe-12Mn"0. 2Ti 

240 

350 

570 

670 

260 

120 

Ase, Afe - Start and 

finish 

temperature for 

e y transformation 


on heating. 


Asa’, Afa' - a' -> y on heating, 
Msa’, Mfa’ - y ->• a’ on cooling. 


Table III. Mechanical Properties of Fe-12Mn-0. 2T1 Steel 


Treatment 

Test 

Temperature 

Yield 

Strength(MNm 

2 Ultimate 
) Tensile 

Strength(MNm' 

Uniform 

Elongation(%) 

Total 

Elongation (%) 

Reduction 

in 

Area (%) 

Ic 


Solution- 

Annealed* 

25°C 

600 

924 

6 

25 

78 

- 


Solution- 

Annealed 

~1V6°C 

889 

1351 

11 

25 

54 

63 


Reversion- 

Gyclcd 

- -196^C 

593 

' 1393 

19 

33 

61 

79** 

• 

Two-Phase 

Tempered 

Go Id- Work 

-196“G 

952 

1358 

18 

33 

62 

70 

nJ Q 

s| 

and ’ 

Tempered 

-196 “C 

1179 

1503 

» 

26 

38 

66 

100 

^ n3 
d ^ 


Solution-Annealed ; 900°C/21i/lBQ. Reversion-Cycled : Solution-Annealing plus 680“C/5m/IEQ» 5 eye; 
’IVo-PIiase Tempered : Solution-Annealing plus 500°C/8h/lBQ. 

Cold-Worlced and ’I'eiupered : 30% reduction at room temperature plus 600®C/4h/IBQ. 

* This row of data was obtained from Fe-12Mn-0. 2Tl-lMo alloy. 




K. value. 


ASTM thickness requiremant for was not met. 
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Table IV. ProperC-ies of Hot-rolled 


apd Tempered Fe-12>!ji-0, 2Ti Steel. 


Treatment 

Cbarpy Impact 
Energy at -196°G 
(N-m) 

Hardness 

(\) 

Solution-Annealed 

8 • 



27 

Above + Tempering 

14 



30 

As-Rolled (900°C, 50%) 

28 



29 

'* " (1000° C, 50%) 

24 



30 

" (1100° C, 50%) 

28 



30 

900° C Pv.oll. + Tempering 

30 



31 

1000°C " 

26 



32 

1100°C " " 

24 



31 


All Tempering was conducted at 500” C for 4hrs followed by vrater-quenching 


52 


Table V. Tensile Properties of Fe-8^in Steel. 


Treatment 


Yield 

Strength 

_2 

(MNm ) 


Ultimate Uniform Total Reduction 
Tensile Elongation Elongation in 
Strength (%) (%) Area 



So lut ion- Annealed 

965 

1041 

4 

4 

6 

Grain-Ref ined 

965 

1055 

26 

7 

70 

Grain-Refined 
and • Retained X 

848 

1083 

32 

IS 

64 


% 
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Fig. 1. 

Fig. 2. 

Fig. 3. 
Fig. 4. 
Jig. 5. 
Fig. 6. 

Fig. 7. 


Fig. 8. 


Fig. 9. 
Fig. 10 


FIGURE CAPTIONS 

Dilatometry specimen for measuring phase transformation 
temperature. 

Schematic diagram of the ultra high vacuum chamber with in-situ 
fractore device used for Auger electron spectroscopy (AHS} 

Single notched specimen for Auger electron spectoscopy. 

Subsize tensile test specimen. 

Fracture toughness test specimen for measurement. 

Dilation curve during continuous heating and cooling of an 
Fe-12Mn-0.2Ti specimen. 

Fe-12Mn-0. 2Ti. .Microstructures after solution-treatment 
(900*^C/2h/IBQ) . 

(a) Optical micrograph shov/ing re^ystaXli zed y structui'e. 

(b) TEM micrograph shov/ing transformation substructures. 
Fe-12Mn-0 .2Ti . After solution-treatment C900*^C/2h/IBQ) . 
Localized region of blocky martensites showing the associatioii 
of a' and c phase. 

(a.) Selected area diffraction pattern. 

y. . > ■ 

(b) Analysis of (a) • 

(c) Bright field image. 

(d) Dark field image taken from an (lOJO)^ reflection. ' 

Fe-12Mn-0 .2Ti. Ductile-brittle transition in solution-annealecl 
C900°C/2h/IBQ) specimens. 


Fe-12Mn-0.2Ti, SEM fractographs taken from Charpy specimens 
tested (a) at room temperature and (b) at -196*^C. ' 

original 

OF POOR QGAUril 
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Fig. 11. Fe-12Mn-0. 2Ti . Variation of e phase on the (a) austenitization 

at different temperatures and on the (b] reversion-cyclings 
between 6S0*^C and roon temperature. Holding time at 680*^C; 

5 minutes. AS: As solution-annealed. A^tAfa* temperature. 

Fig. 12. ‘ Fe-12Mn-0. 2Ti. Ductile-brittle transition behaviours after 
the reversion- cycling treatment (680®C/5m/IBQ, 5 cyles) . 

Fig. 13. Fe-12Mn-0.2Ti. Reversion-cycled (680®C/5m/IBQ, 5 cycles) 

specimen, (a) Optical micrograph, (b) SEM fractograph of a 

% 

Charpy specimen tested at -196°C. Same magnifications. 

Fig. 14. Fe-12Mn-0,2Ti. Engineering stress-strain curves obta.incd in 

the tensile tests at -196°C on differently heat-treated 
specimens. Solution-annealing: 900*^C/2h/IBQ, Reversion- 

cycling: 6S0^*C/5m/IBQ, 5 cycles. Two-phase tempering: 

500°C/Sh/IBQ. 

Fig. 15. Fe-l2Mn-0.2Ti, Changes of structures and properties on tempering, 
(a) Vol . % of retained phases. (b) Hai'dness at room 
temperature. C^) Charpy impact energy at -196°C. AS: As- 

solution-annealed (900°C/2h/IBQ) . 

Fig. 16. Fe-12Mn-0.2Ti. Structure and property changes during the iso- 

thermal treatment at SOO^C. (a) Retained phases. (b) Charpy 
impact energy at -196’^G. ; 

Fig. 17. Fe-12f.ln-0.2Ti. Structures after a heat treatment in the two- 

phase (500*^C/8h/IBQ) . Note the severe directionality. 

(a) Optical micrograph, (b) TEM micrograph. 

Fig. 18. Fe-12Mn-0. 2Ti. TEM micrograph of a specimen heat-treated for 

an extended time in the tv;o-phase (500°C/120h/.IBQ} . (a) Bright- 

field image. (b) Dark- field contrast of retained phases O'^ostly 
retained austenite) . 
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Fig. 19, Fe-SMn. Optical micrograph taken froo! a specimen ^tempered in 
the two-phase region (500°C/Sh/IBQ) . 

Fig, 20, Fc-12Mn-0. 2Ti, Improvements of ductile-brittle transition 

behaviour' by the two-phase heat treatment (550^C/Sh/IBQ) . 

Fig, 21. Fe-12Mn-0 . 2Ti . Changes of structures and properties on cold- 

working follov/ed by tempering, (a)- Reta3.ned phases. 

(b) Room temperature hardness (c) Charpy impact energy at 
c 

-196 C. AS; As-solution-annealed. CW; Cold-worked 

V 

(50% reduction) at room tempera.ture . 

Fig. 22. Fe-12Mn-0,2Ti. Gold~v;orked (50%) and annealed at different 

temperatures. Variation of amount of retained phases measured 
on different sections, T: Transverse section. L: Longitudinal 

section. V: Vertical section. 

Fig. 23. Fe-12Mn-0,2Ti. TEM niicrogra.phs of (a)' cold-worked (50% 

reduction) and (b) annealed (500^C/8h/IBQ) specimens. 

Fig. 24. Fe-12Mn-0,2Ti, Impro'cement of impact resistance by a combineition • 

of cold-v.'orking and annealing (600 C/4h/IBQ) i.n the tv.^o -phase 
region. 

Fig. 25. Fe-12Mn-0, 2Ti. SEM fj^actographs taken fi-o)n fracture surfaces 

of Charpy spcciniGns tested at -196°C. (a) Cold-v/orked (50%) . 

and annealed (600*^C/4h/IBQ) . (b) IVo-phase tempered (SOO^C/ 

8h/IBQ) , 

Fig. 26. Fe-12Mn-0. 2Ti. Optical micrographs (b,d) and SEM fractographs 

(a,c,e) from Charpy bars tested at -196°C, (a) Solution 

annealing plus two-phase tempering (500°C/Sh/IBQ) . (b) Hot- 

rolled (50%) at 900^C. (c) Same as (b) . (d) Hot-rolled (50%) 

at 900^C and tcinpered C500°C/4h/IBQ) . (e) Same as (d) . All 

in the same magiiifications. 


56 


Fig. 27. SBM fractographs taken froo Charpy specimens tested at -196*^C. 

(a) Fe-SMn. (b) Fe-10Mn„ (c) Fe-12f'Ln-0„ 2Ti . All solution- 

annealed condition C900°C/2h/IBQ3 . 

Fig. 2S, Fe-12Ma-0. 2Ti. As solution-annealed (900'^C/2h/iBQ) . TEM 

micrographs showing prior y-gi'ain boundaries. 

Fig. 29. Fe-12Mn. AES spectra obtained from two different fracture 
surfaces produced at different temperatures. 

Fig. 30. Fe-12Mn. SEM-EDAX analysis of particles in a region of dimpled 
structure of a fracture surface. Heat treatment; 1100°C/2h/IBQ 

Fig. 31. Fe-12Mn. Shift of ductile-brittle transition tempei'ature by 
the martensite embrittlement. 

Fig. 32. Fe-12Mn. AES spectrum obtained from an intergranular fracture 
surface of a martensite embrittled specimen. 

Fig. 33. Fe-SMn. AES spectrum obtained fi’om a ductile fracture surface 
produced at room temperature. 

Fig. 34. Fe-SMn. AES spectra and SEM fractographs obtained from brittle 
fracture surfaces of the solution-treated and (b) the 

martensite embrittled specimens, respectively . 

Fig. 35. Fe-12Mn-0.2Ti. Funiace-cooling curve and the Charpy impact 

energ)' measured at -196°C. Specimens v/ere soaked at 1100^ for 
2 hours follov;ed by tlie furnace-cooling. They were then taken 
out from the furnace at the specified time and temperature and 
air-cooled. 


Fig. 36 


Fe-12Mn-0.2Ti. SEM fractographs of Charpy specimens tested at 
-196^C. (a) Purnaco-cooled 6 hours/air-cooled, (b) Furnace- 

cooled 11 hours/air-cooled. (c) Furnace-cooled 15 hours/alr 


cooled . 
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Fig. 37. Fe-12Mn-0-2Ti. AES spectra obtained from tlic specimens heat 

treated; (a) n00'^C/2h/WQ. (b) U00°C/2h/FC 12 h/AC. 

(c) 1100°C/2h/FC. 

Fig. 38. Schematic diagram illustrating the schedule of thermal-cycling 
grain refinement. AS: As solution-annealed C900°C/2h/IBQ} . 

Fig. 39. Fe-SMn. Optical micrographs showing the development of grain 
site reduction by the thermal cycling treatment. Refer to 
Fig. 38 for the designation of each step. 

Fig. 40. Fe-8Mn. Changes of lov; temperature (-196^C) mechanical properties 
by grain size reduction and the retained austenite. AS: as- 

solution-annealed (900^C/2h/V/Q) . Retained austenite treatment: 
600‘^C/4h/WQ. 

Fig, 41. Fe-8Mn. Suppression of the ductile-brittle transition temperature 
by the grain-refining and the retained austenite treatment. 

Fig. 42. Fc-8Mn. Dependence of the ductile-brittle transition temperature 
on the prior austenite grain size; d. 

Fig. 43. Fe-SMn. Fracture modes at -196^C, SEM. (a) As-solution- 

annealed, Charpy specimen. (b) The same as (a), tensile specimen 
(c) Grain-refined, Charpy specimen, (d) The same as, (c), 
tensile specimen. 

Fig. 44. Fe-lOMn. Optical micrographs of (a) a solution-annealed 

specimen (900*^C/21i/b'Q) and (b) a grain-refined specimen by the 
thermal-cyclings (730°C/2h/WQ + 650®C/2h/WQ, 2 cycles). 

Fig. 45. Fe-lOMn. Ductile-brittle transition behaviours of the thermal- 
cycled specimens. 

Fig. 46. Fe-lOMn. SEM fractographs of Charpy specimens tested at -196^C. 

(a) Solution-annealed C900'^C/2h/U'Q) . (b) Grain-refined by tlie 

thermal-cyclings. 
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